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A hybrid component consisting of Inconel 718 superalloy (IN718) and mild/low structural steel (grade
S275) was fabricated using the wire + arc additive manufacturing (WAAM) technology to evaluate the
feasibility, texture, and the corresponding characteristics. S275 is considered as a mild/low alloy steel
that is compatible with IN718 and can serve as a mechanically under-matched substrate for WAAM depo-
sition with potential use in the petrochemical industry. Characterization of the interfacial hybrid part was
conducted through Scanning Electron Microscopy (SEM), Energy Dispersive Spectroscopy (EDS), and
Electron Backscatter Diffraction (EBSD) in three different states of as-built (AB), solution-treated (ST),
and aged (STA) conditions. EDS elemental mapping confirmed the presence of Laves closer to the inter-
face even after 1-hour solutionizing at 1080 �C. Solution-treatment resulted in eliminating microsegrega-
tion (mainly Nb) and considerable Laves dissolution, along with a significant decrease of the hardness in
both WAAM-deposited IN718 and the substrate. The bulk texture of WAAM-deposited IN718 was mea-
sured by neutron diffraction in all three states of AB, ST, and STA, showing a strong h002i texture parallel
to the building direction (BD). Elastic-field mathematical models were used to interpret the role of heat
treatment in perfect-, and partial dislocations’ mobility and Peierls-Nabarro stress by considering the
neutron diffraction and nanohardness data collected across the interface. Limiting aspects associated
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with dissimilar joining of IN718 and S275 alongside post-processing heat-treatments were pointed.
Recommendations were made to facilitate possible additive repair of IN718 hybrid parts for various
industrial applications.
Crown Copyright � 2022 Published by Elsevier Ltd. This is an open access article under the CC BY license

(http://creativecommons.org/licenses/by/4.0/).
1. Introduction

Inconel 718 (IN718), is an age-hardenable Nickel-based super-
alloy that has been widely utilized in aeronautics and energy
industries due to its high mechanical stability, excellent corrosion
and oxidation resistance, and favorable welding properties. In fact,
in the early years of developing superalloys, the industry’s demand
for better welding properties led to the compositional modification
of this alloy, i.e., its low Ti and Al contents decrease its susceptibil-
ity to strain age cracking. The exceptional structural strength of
IN718 is mainly due to co-precipitation of c00-Ni3Nb phase with
body-centered tetragonal (BCT, ordered D022) lattice and c0-
Ni3(Al,Ti) phase with face-centered cubic (FCC, ordered L12) lattice
during aging treatment [1 2 3 4,5]. Microstructural detractors
include d-Ni3(Nb,Ti) phase (orthorhombic, ordered D0a); high con-
centrations of alloying elements can promote the formation of
detrimental topologically close-packed (TCP) phases [6]. These
intermetallics are brittle and can adversely affect the mechanical
properties of this alloy. They are mainly in the form of (Ni,Fe,Cr)2(-
Nb,Mo,Ti) and their formation result in the depletion of useful
alloying elements, e.g., Nb through the matrix, required precipita-
tion of c00 strengthening phase. Further, they provide suitable sites
for crack initiation and propagation [6,7]. Therefore, to dissolve
these phases into the matrix, performing post-processing heat
treatments for this alloy are usually necessary [8].

Despite its good weldability, IN718 has a hard-to-machine nat-
ure, limited metal removal rate, and poor formability; subse-
quently, tools used for thermo-mechanical processing of this
alloy have a short life cycle [9]. Therefore, additive manufacturing
(AM) techniques are ideal alternatives for cost-effective, energy-
efficient with less machining and tooling, lower environmental
impact, and shorter lead-time production of geometrically com-
plex parts [1,10]. Each AM technique has its own applications
and advantages. While powder bed fusion (PBF) techniques such
as selective laser melting (SLM) and electron beam melting
(EBM) and powder metal deposition processes like direct metal
deposition can be used for printing smaller and geometrically more
complex metallic parts, wire arc additive manufacturing (WAAM)
techniques are better suited for mass production of medium to
large size parts [11,12]. Wire is usually more cost-effective when
compared to powder. Depending on various factors such as recy-
clability or reusability of the raw material, the wire could be 50%
cheaper than powder on average [13]. Further, the low capital cost
of WAAM set up coupled with high deposition rates (ranging from
1 to 4 kg/h) of this technique has made it an excellent alternative
for manufacturing components when compared to conventional
methods (i.e., by subtractive means from billets or forgings) [14].

There are many structures where joining dissimilar metals is
crucial when the application demands a large variety of pressures,
temperatures, and stress levels. For instance, in light water reac-
tors, it is required to join steel, nickel-based alloys, and Zr-alloys
[15]. Another example could be where a structure requires both
high strength and corrosion resistance. WAAM and cladding over-
lays are widely used to fabricate bimetal materials. Due to dilution
effect, cladding overlays usually comprises 3–4 layers, while
WAAM can have many more layers. Further, a clad layer is usually
applied for protection against corrosion or erosion and does not
have significant strength requirements, whereas WAAM is typi-
2

cally used for production of near net shape components and the
deposited material will be subject to all the loading during service.
Therefore, they have different deposition strategies. Hybrid bime-
tal materials provide more flexibility in design and often reduce
the cost by providing the capability of joining an expensive mate-
rial with specific properties to less expensive alloys used for sup-
porting or connecting roles [16].

WAAM can effectively be used to selectively add one metal over
a dissimilar substrate reducing manufacturing costs. Challenges to
implementation are the differences in physical and chemical prop-
erties between the deposited material and the substrate. There is
also the behavior and performance of the interface to be consid-
ered. It is crucial to ensure that this interface is free of any pores,
cracks, and undesirable brittle intermetallic with tensile residual
stresses minimized. The aforementioned defects can readily form
at the interface because of differences in physical and chemical
properties, such as the melting points, thermal conductivity, coef-
ficient of expansion, etc., between the two parts [17]. Furthermore,
the formation of brittle intermetallic phases at the interface results
in the loss of mechanical properties of the overall component.

It has been reported that as-deposited WAAM IN718 has a
strong crystallographic texture along the building direction, which
is also the principal direction of heat transfer [18,19]. WAAM
imposes high cooling rates during the solidification process, lead-
ing to fast growth in the h100i direction as the favorable solidifica-
tion direction in FCC crystals. The c matrix in IN718 has the family
of {001} planes being less close-packed [20]. Anisotropy in grain
growth imposed by solidification conditions leads to direction
dependency of mechanical properties. Consequently, it is common
to address this anisotropy by performing post-deposition heat
treatment. It is well acknowledged that large amounts of d-phase
decrease ductility [21] and stress rupture life [22]. In an attempt
to compare three different AM processes, namely PBF, blown pow-
der deposition (BPD), and WAAM, Schneider [23] reported almost
similar mechanical strength for all the samples despite having very
different microstructures in both as-built condition and when they
all underwent similar heat treatments. This implies that besides
the microstructural features determined by the thermophysical
properties of solidifying material and the process parameters, there
are some other factors playing important roles on the mechanical
strength of AM components. Although the yield stress of a metal
is inversely proportional to the grain size, the first term of the
Hall-Petch equation (Eq. (1)), i.e., the lattice stress (r0), is game
changer.

rYS ¼ r0 þ kdd
�0:5 ¼ rSS þ rP�N þ kdd

�0:5 ð1Þ
According to Harrison et al. [24], the lattice stress of a solid-

solution strengthened alloy can be regarded as a synergy between
the solid solution contribution (rSS) and the Peierls-Nabarro stress
(rP�N), as shown in Eq. (1). While rSS is dependent on strengthen-
ing constant and concentration of solute constituents both deter-
mined empirically, rP�N is a function of shear modulus, lattice
periodicity, Burgers vector, and distance between slip planes
[25,26]. Although rSS is hard to measure in AM components due
to an uneven solute concentration along the build direction dic-
tated by solute trapping phenomenon, rP�N can be considered as
a factor to semi-quantitavily represent the effect of shear strength
on mechanical response of the material [27,28]. Further, this

http://creativecommons.org/licenses/by/4.0/
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parameter helps to understand the ease of dislocations’ mobility
and dissociation through the bulk material determining the strain
hardening, dislocations’ entanglement, and cracking susceptibility
in AM components. Particularly, in dissimilar joining where two
dissimilar metals with different lattice structures are integrated
through an interface, the characteristics above become more cru-
cial as they can result in a dramatic weakness in one side of the
interface.

where rYS and r0 are the yield-, and the lattice stresses, while kd
and d stand for the locking parameter value and the average grain
size, respectively. Thermal conditions during WAAM deposition
dictates the heavier elements to be segregated into the inter-
dendritic regions [29]. To dissolve Laves phases and remove segre-
gation, a post-deposition heat treatment (i.e., solutionizing) seems
unavoidable. There is a large number of ferritic and nickel systems.
Mild/low alloy steel butter is clad with Nickel superalloys for cor-
rosion resistance [30]; S275 offers chemistry/ductility/strength
comparable to this. As a fundamental study, we have risen to the
occasion of describing the phenomena of dissimilar joining of
mild/low steel to IN718 as one of the more widely used alloys in
aerospace and in some parts of the petrochemical industry, where
high strength and moderate corrosion resistance is required. As far
as the authors know, there is no reported work on the microstruc-
ture characterization of the interface of additively manufactured
IN718 on mild structural steel (grade S275). Hence, the current
study is dedicated to investigating the microstructural characteris-
tics of IN718-S275 hybrid parts manufactured by the WAAM tech-
nique and analysis of dislocation mobility close to the interface.
2. Experimental

2.1. Materials and methods

Filler wires of ‘‘3Dprint AM 718” with 1.2 mm diameter pro-
vided by Voestalpine Böhler Welding were employed to deposit
90 layers (122 mm) IN718 on a 295 � 150 � 10 mm structural steel
(grade S275), which is a low-alloy steel for building steel structures
that meets the requirements of the EN 10025-2 standard [31].
Table 1 shows the nominal composition (wt%) of the IN718 wire
and the substrate.

The WAAM system consisted of a CMT torch guided by a KUKA
KR30HA industrial robot with the Fronius CMT 4000 Advanced
power source. As tabulated in Table 2, the travel speed of 0.7 m/
min was used in the first layers (i.e., the first and second layers),
while the upper layers were deposited at a 1 m/min travel speed.
The heat input was kept at 0.36 and 0.23 kJ/mm for the first and
second layers, repectively. This higher heat input was selected
for the first few layers since the substrate acts as a heat sink and
absorbs the energy required to form a melt pool. The bead height
of the first layer of depositions was measured to be 3.3 mm
(cross-sectional micrograph is presented elsewhere [32]). This
means that all the grains above the interface layer, which are pre-
sent in SEM and EBSD micrographs were deposited within the first
bead deposition. The heat input was gradually reduced to 0.18 kJ/
mm for the next layers to avoid melt pool overflow and maintain a
uniform wall thickness during the process. Table 2 shows the pro-
cess parameters at each layer. Other process parameters that were
Table 1
Nominal composition (wt%) of the IN718 wire and the substrate.

IN718 wire Ni Fe Cr Nb

Bal. 19.5 17.6 5.2

Substrate
steel (S275)

Fe Mn(+Si) C
Bal. 1.6 max 0.25 max

3

kept constant during the process were: 100% Ar as the shielding
gas, 15 L/min gas flow, 1.2 mm wire diameter, 15 mm contact tip
to work distance (CTWD), ambient pre-heat temperatures, and
the maximum interpass temperature of 80 �C. Full details on the
WAAM deposition parameters are provided elsewhere [32].

Fig. 1(a) shows the experimental setup used for deposition of
IN718 walls using the CMT process. The deposition direction is
along X-axis, and reversed after each layer. For subsequent analy-
ses, cross-section samples extracted from the middle of the depo-
sition length are illustrated in Fig. 1(b). Fig. 1(c) shows the WAAM-
IN718 deposited part on S275 substrate along the building direc-
tion. The subset in Fig. 1(c) shows the samples that were used in
this report. A low-magnification SEM micrograph of the hybrid
IN718-S275 is displayed in Fig. 1(d). The interface is sound and
continuous with no obvious fusion pores or cracks. Nevertheless,
as is discussed in the subsequent sections, few occasional cracks
were observed in the substrate.

2.2. Heat treatment

Heat treatments were conducted in an MTI OTF-1200X tube fur-
nace equipped with a K-type thermocouple to monitor the temper-
ature during the heat treatment. Specimens were enclosed in an
alumina boat and placed in the middle of the tube furnace closest
to the thermocouple. To minimize the oxidation of specimens dur-
ing heat treatment, the tube was first vacuumed and purged with
Argon gas, and then the tube was vacuumed for a second time until
a vacuum of �0.1 MPa was achieved. Finally, the Ar gas was con-
stantly re-purged with a 200 sccm (standard cubic centimeter
per minute) flow during the heat treatment procedure. The heating
rate of 30 �C/min was constant, and all the temperatures were
logged using a Eurotherm-itool OPC Scope software.

The WAAM-IN718 specimens were heat-treated according to
the AMS 5383 standard, which implies a solution treatment
(1080 �C, 1 h/out-of-furnace air cooling) followed by a double
aging (720 �C, 8 h/furnace cooling at 55 �C/h to 620 �C, hold for
8 h/ out-of-furnace air cooling), as given in Table 3. The detailed
information on the heat treatment cycle is depicted in Fig. 2. One
sample was kept in the as-built condition for microstructural
characterization.

2.3. Microstructural characterization

After WAAM of IN718 on mild steel (S275), the interface of the
hybrid sample was cutted perpendicular to the interface by a
diamond-wafering blade. Samples taken from the interface along
the y–z plane (i.e., building direction marked in Fig. 1) were ade-
quately polished, followed by vibratory polishing for microstruc-
tural characterization. SEM and electron backscatter diffraction
(EBSD) techniques were employed to characterize the microstruc-
ture across the interface, using an high-resolution field emission
gun scanning electron microscope (HR-SEM-FEI QUANTATM 450
FEG). The EBSD characterization was carried out at 20 kV with a
spot size of 5 lm and three different step sizes of 1, 0.25, and
0.08 lm at a scan speed of � 385 fps. Then, the collected data were
post-processed using the TSL-OIM 8 software to extract the crystal-
lographic orientations and microstructural state variables. Energy
Mo Ti Al Mn(+Si) C

3 0.95 0.45 <0.2 0.05

P S N
0.04 max 0.05 max 0.012 max



Table 2
WAAM deposition parameters.

Layer Wire feed
speed
(m/min)

Travel speed
(m/min)

Average
current (A)

Average
voltage (V)

Heat input
(kJ/mm)

1 10 0.7 210 16 0.36
2 6 0.7 140 15 0.23
3–90 6 1 140 15 0.18

Fig. 1. (a and b) experimental setup of the WAAM-CMT process, and dimensions of the substrate and the fixture, (c) a layout of IN718-S275 hybrid part, the brown colour line
in the subset, shows the approximate location of interface, and (d) SEM image of IN718-S275 sample showing the interface of the hybrid part.

Table 3
Thermal history of the samples.

Specimen Heat treatment

As-built (AB) None
Solution

Annealed
(ST)

Solution treated at 1080 �C for 1 h/out-of-furnace Air
Cooling

Aged (STA) Solution treated as above and then double aged (720 �C,
8 h/furnace cooling at 55 �C/h to 620 �C, hold for 8 h/ out-
of-furnace air cooling.
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dispersive spectrometry (EDS) was used to map the elemental dis-
tribution across the interfacial region. The EDS was carried out
with the following parameters: accelerating voltage = 20 kV, spot
size = 5, step size = 200 nm.

The neutron diffraction (ND) experiments were carried out at
the General Materials Diffractometer (GEM) instrument located
at the ISIS spallation source in Oxford, UK. Wavelengths between
2.5 and 3.5 Å were used for the measurements. In this study, four
samples of the as-built WAAM IN718, ST, and STA heat treated
material along with a piece of S275 substrate were considered
4

for neutron diffraction analysis. A beam size of 10 � 20 mm2

(height � width) was used to record the Bragg peaks for each sam-
ple. Using the diffraction analysis software (MAUD), the refinement
strategy is as follows: Fitting the data (160 patterns) without tex-
ture, then fitting it with ‘‘arbitrary texture” (i.e., Pawley) and
adjusting offsets (sample in addition to patterns) for lattice param-
eters. Next, the data were fitted with the extended Williams Imhof
Matthies Vinel (EWIMV) algorithm and finally the reconstructed
pole figures (PFs) were exported for plotting with MTEX software.
The peaks for precipitations such as Laves, d, c0, and c‘‘ are beyond
the resolution of ND.
2.4. Nanoindentation measurement

Hardness measurements were done at ambient temperature
using an iMicroTM Nanoindentor (KLA) equipped with a diamond
Berkovich tip. A 50 mN peak target load, a constant strain rate of
0.2 s�1, and 1 s holding at maximum load were set to apply to
the indenter. Most parameters from the default setup were kept,
except that the Poisson’s ratio was changed to 0.33 for IN718 alloy.
To avoid the influence of neighboring indented area, 40 lm spacing



Fig. 2. Schematic illustrations of the heat treatment routes.
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was selected between the 9 � 9 grid of indentation whereas the
Vickers microhardness (HV), nanohardness, elastic (E) and shear
moduli (G) were measured across the interfacial area.
3. Results

3.1. SEM analysis

The SEM micrograph of the IN718-S275 hybrid sample is pre-
sented in the Fig. 3(a-c). The two materials are favorably bonded
Fig. 3. SEM micrograph of IN718-S275 in different conditions of (a) as-built / A

5

in the as-built condition, and a sharp and narrow interface was
formed between IN718 and S275 (see Fig. 3 (a)). Few micro-voids
are noticeable in both WAAM-deposited IN718 and substrate close
to the interface layer (yellow circles). The first layer deposition
involves melting both the substrate and feed wire IN718, which
then forms a melt pool with two compositionally different liquids.
These two different liquids will then interact with each other, and
finally, a very solute-rich layer solidifies on top of the substrate. In
Fig. 3(b,c), a relatively thick layer of approximately 4 lm was
formed at the interface upon ST and STA treatments. This layer
B, (b) solution treated / ST, and (c) solution treated-aged / STA conditions.
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can be an intermetallic layer since the first deposited layer con-
tains higher concentration of alloying elements (EDS profiles will
be presented in subsequent section). It can be assumed that the
growth of this intermetallic layer is diffusion-controlled. Therefore,
the thickness of the reaction layer (along the y direction) can be
estimated by the well-known equation of:

y ¼ K
ffiffi
t

p
ð2Þ

where K and t are constant and the diffusion time, respectively [33].
As the deposition time in WAAM is quite short, the time permitted
for the interface growth is minimal. Therefore, the interface layer is
very sharp in the as-built condition and grows in the solution trea-
ted and aged samples. This type of thin interface layer has been pre-
viously observed in WAAM-NAB/316L SS hybrid parts [34]. This
intermetallic layer also penetrated the grain boundaries (GBs) of
the substrate at some points, as shown in Fig. 3(c). Since the grain
boundaries are usually considered easy paths for diffusion, the
alloying elements can better diffuse from the interface layer to
the grain boundaries and form GB penetration areas in the substrate
[35].

Fig. 4 shows the backscatter electron image of WAAM-IN718 in
the as-built and solutionized conditions. For the as-built sample,
the presence of the Laves chain is highlighted in Fig. 4(a). This is
not surprising as the solidification process of IN718 starts with
the formation of NbC carbides on TiN particles and terminates with
a eutectic phase transformation of L ? c + Laves [36]. Both the
Laves phase and NbC carbide particles have high Nb content, ther-
fore, they both show similar brightness in the BSE image. Typically,
Laves phase precipitates continuously in script-like geometry
(Laves chain), and NbC carbides have blocky morphology. How-
ever, the eutectic product of solidification, i.e., Laves chain, com-
bined with NbC and TiN particles, have precipitated parallel to
the build direction along the interdendritic regions.

It is well known that the WAAM process involves a relatively
fast cooling rate (103�108 �K/s) after deposition [37]. Although this
leads to a phenomenon called solute trapping due to rapid solid/
liquid interface velocity, there are still suitable paths for short-
range rejection of alloying elements during solidification, resulting
in a microsegregation in narrow intercellular regions. Solutionizing
is usually performed on the produced part to equalize the elemen-
tal distribution and dissolve deleterious phases like Laves. This will
also reduce the anisotropy in mechanical properties that is inher-
ent with most AM parts. Further, solution treatment can redis-
tribute Nb, Ti, and Al evenly within the microstructure, which is
important for homogeneous precipitation of c0 and c‘‘ in subse-
quent aging treatments.

Fig. 4(b) shows that after solutionizing at 1080 �C for 1 h, the
Laves chain has significantly dissolved into the c matrix, and only
a few particles are left. These particles (indicated by yellow arrows)
Fig. 4. SEM micrograph of WAAM-IN718: (a) as-bui
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could be Nb/Ti carbides and remaining Laves. Carbides are less
likely to be dissolved into the matrix since they have higher melt-
ing points (about 2950 �C [38]). No d-phase was observed in the
solutionized condition (ST), which is not surprising as the solu-
tionzing temperature is well above (i.e., 80 �C) the d-phase solvus
temperature (998 �C) [39].

Although the Laves phase can be completely removed by choos-
ing a higher solutionizing temperature, recent studies showed that
heat treatment at higher temperatures like 1186 �C for 40 min fol-
lowed by a standard aging treatment (720 �C for 8 h, furnace cool
to 620 �C in 2 h and hold for another 8 h, air cool) would result in
undesirable coarser grains, lower hardness, lower yield stress (YS)
and ultimate tensile stress (UTS) compared to the standard heat
treatment [40]. Nevertheless, some aerospace high temperature
applications demand large grain size for better creep resistance.

The EDS profile of Fig. 5(a) revealed elemental segregation for
all the alloying elements in the as-built condition. Furthermore,
the EDS spectrum obtained on precipitates shown in Fig. 5 indi-
cates that they are rich in Nb, Mo, and Ti but lean in Ni, Cr, and
Fe compared to the baseline matrix. Such composition matches
the stoichiometric compositions of Laves represented as (Ni, Cr,
Fe)2(Nb,Mo, Ti). The presence of these TCP phases (or Nb/TiC) in
this region stems from the partitioning of Nb and Mo during the
solidification. The EDS spectrum in the ST sample shows less noise
and is smoother than in the AB state, as shown in Fig. 5(b). This
indicates that solution-treatment at 1080 �C has released alloying
elements into the matrix. Fewer but sharper peaks in Nb, Mo,
and Ti spectrum and valleys in Ni, Cr, and Fe spectrum, closer to
the interface reveals that isolated Laves phase have remained after
solution treatment. However, further from the interface, the fre-
quency of such precipitates decreases. In other words, localized,
undissolved Laves phase have a higher concentration closer to
the interface. EDS spectrums of the STA interface are very similar
to that of the ST; fewer but sharper peaks and valleys are seen close
to the interface. Undissolved Laves with a size of less than 1 lm are
present with decreasing frequency from the interface.

3.2. EBSD analysis

Fig. 6 illustrates the inverse pole figures maps across the inter-
face for all the samples. In the as-built condition, columnar grains
with predominantly h100i orientation (i.e. h100i//BD), are nearly
perpendicular to the interface with a slight tilt angle with respect
to the building direction, cf. Fig. 6(a). This is typical of the WAAM
process and more broadly for all AM processes such as SLM [41]
and EBM [42]. Notably, h001i orientation is the easiest growth
direction in FCC materials [43] because it is the direction with
the highest heat conductivity. Here, the WAAM-IN718 matrix con-
sists of c phase with FCC crystal structure; thus, the h100i crystal-
lt / AB, and (b) solution treated / ST conditions.



Fig. 5. EDS elemental distribution map across the interface accompanied by a zoom on the interface: (a) as-built / AB, (b) solution treated / ST, and (c) solution treated-aged /
STA conditions.
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lographic direction would be the preferential growth direction. The
arrows in Fig. 6(a) indicate that the grain boundaries are serrated
with a zigzag-like morphology in the as-built condition. There
are also slight color gradient within a single grain, which indicates
small misorientations in the crystallographic directions within a
grain (i.e., misorientation angles less than 15�). Unlike the as-
built sample, the EBSD image of the ST and STA samples do not
show serrated grain boundaries in Fig. 6 (b,c). Furthermore, some
grains can be as wide as 250 lm on the WAAM-IN718 side (see
Fig. 6 (b)). Generally, the solution treatment caused grain coarsen-
ing in both the S275 substrate and WAAM IN718. As shown in
Table 4. the average grain size for the substrate in the ST state is
2.3 times larger than in the AB state. Comparing the grain sizes
both in the IN718-WAAM deposited and substrate, the extent of
the grain growth within the substrate is more significant than in
the WAAM IN718. Such a massive grain growth will adversely
affect the mechanical properties of the S275 substrate. It is evident
that the columnar grains are smaller in the vicinity of the interface.
This can be attributed to the heat sink effect of the substrate which
enhances the cooling rate during the deposition [24]. However,
some columnar grains can be as long as 800 lm, as shown in
Fig. 6(c). The grain size in the build direction is around 3 times lar-
ger than that in the horizontal direction. As the EBSD map of the
7

STA state (Fig. 6 (c)) suggests there is no noticeable grain growth
in WAAM IN718 and S275 substrate as compared to the ST state.
After solution treatment and aging treatment, the WAAM grain
structure is much coarser and thicker and internal orientation gra-
dients appear to have vanished to a large extent as compared to the
as-built state.

The grain boundary maps are shown in Fig. 7, where high-angle
and low-angle GBs are highlighted in black and red, respectively.
The low angle grain boundaries (LAGB) include 2-15� degrees of
boundary rotation angles, while the GBs carrying a misorientation
higher than 15� are defined as high angle grain boundaries (HAGB)
[29]. The as-built microstructure is characterized by a high amount
(22%) of LAGBs (see Fig. 7(a)) in the WAAM deposited part. The
fraction of the low-angle grain boundaries on the IN718 side,
decreased to 18% after the solution treatment. However, in the
STA state, this was significantly decreased to a low amount of
13%. On the other hand, the fraction of HAGBs in the IN718-
WAAM deposited part increased from 20% in the ST state to 46%
after aging (i.e., STA state). Moreover, as indicated by the brown
circles in the grain boundary misorientation map (Fig. 7), most of
the globular precipitates, MC-carbides and Nb-Mo-Ti rich Laves
phase appear to have a low-angle grain boundary with the c
matrix. This might be due to low stress field around such precipi-



Fig. 6. EBSD inverse pole figure mapping: (a) as-built / AB, (b) solution treated / ST, and (c) solution treated-aged / STA conditions.

Table 4
Average grain size (lm) for substrate in AB, ST and STA condition.

AB state ST state STA state

Grain size (lm) 3.5 ± 2.5 9.5 ± 6.5 12 ± 8.8
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tates which may have a similar effect on orientation gradients as
the presence of low angle grain boundaries [44].

Further EBSD analysis was carried out using kernel average
misorientation (KAM) mapping with misorientation angle of 5� in
order to identify the local misorientation within grains (see
Fig. 8). The KAM map indicates stored strain energy induced by
Gemetrically Necessary Disloactions (GNDs) and is a good repre-
sentation of strain distribution [1,45]. The blue areas represent
the lowest dislocation density/strain stored energy, and green
areas have higher dislocation density/strain stored energy. As can
be seen in the AB sample, the WAAM-IN718 side is very low in
local misorientation, whereas the substrate seems saturated with
a high dislocation density. Upon heat treatment, the stored strain
energy decreased on both sides of the interface, and a uniform dis-
tribution of local misorientations was formed for the heat-treated
samples (see Fig. 8(b,c)). However, the interface exhibits a higher
strain energy in the ST sample than in the STA condition, which
can be related to the formation of the intermetallic layer.

The higher values of KAM in the steel substrate in the AB state
could be due to the formation of the martensitic/bainitic structure
during cooling. This is because there is potentially enough carbon
available both in the steel substrate and in the IN718. Since meta-
stable phases have a high dislocation density as well as other crys-
tallographic defects, high KAM values are expected in the substrate
of the AB microstructure. After heat treatment and elimination of
martensite, the KAM values are decreased on the steel side. Like-
wise, for the WAAM deposited part, the recovery processes during
annealing reduce the stored energy in the IN718 deposited side.
This locally lowers the KAM values shown in the top region in
Fig. 8(b). The higher stored energy in the interface might be due
8

to residual stresses in this region due to the misfit between the
intermetallic layer separating both sides, as shown in the subset
of Fig. 8(b,c) (Area (i) & (ii)). Moreover, the difference in thermal
conductivity and thermal expansion coefficient between both
materials have introduced some stresses to the intermetallic layer
during cooling after heat treatment.
3.3. Neutron diffraction analysis

The effect of heat treatment on the bulk texture of WAAM
IN718 measured by neutron diffraction is shown in Fig. 9. The pole
figures indicate that strong h002i//BD is the predominant texture
for all conditions. However, there is a scattered intensity around
the rim of the pole figures, indicating a random rotation of grains
around the BD. This is in agreement with our measured scans
through IPF EBSD maps on the same samples as shown in Fig. 6.
It should be noted that neutron diffraction analysis statistically is
more representative for bulk texture analysis as the information
of a large number of grains is collected from the entire sample
thickness. Fig. 9 also indicates that the maximum texture intensity
for as-built, ST, and STA are 7.5, 18, and 13 MRD (multiples of ran-
dom density), respectively. This increase in texture intensity has
also been reported in previous works [46,47], although Seow
et al. [19] have indicated that post-heat treatment of solid solution
and two-step aging may result in a reduction in the intensity
of h001i//BD texture.
3.4. Hardness analysis

The micro-hardness variations across the interface are illus-
trated in Fig. 10. For the as-built sample, the average Vickers hard-
ness of the WAAM-IN718 was measured to be 307 ± 33 HV, while
for the S275 it was 419 ± 33 HV. The substrate seems harder than
the as-built WAAM-IN718 which corresponds to the higher level of
KAM values, previously observed in the substrate (see Fig. 8(a)).
The hardness values of the WAAM-IN718 side after the solution



Fig. 7. EBSD grain boundary mapping: (a) as-built / AB, (b) solution treated / ST, and (c) solution treated-aged / STA conditions.
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treatment statistically remained the same as the as-built state with
a slightly higher average value i.e., 316 ± 21 HV. However, the sub-
strate softened considerably and hardness decreased to 205 ± 17
HV (Fig. 10(b)). This result is also well consistent with the KAM
data in Fig. 8(b). Notably, either side of the interface is uniform
in terms of microhardness variation, indicating solution treat-
ment’s homogenizing effect on both the WAAM-IN718 and the
substrate. For the STA condition, the substrate remained soft with
the average microhardness of 191 ± 41 HV; however, the micro-
hardness substantially increased to 496 ± 117 HV in the WAAM-
IN718 due to the hardening effect of aging (Fig. 10(c)). The upper
layers of WAAM-IN718 seem even higher in microhardness, which
can be attributed to the higher concentration of precipitates. The
lower hardness of the substrate after both heat treatments can
mainly be a result of grain growth (due to high temperature of
ST and extended hours of aging) and realizing the Hall-Petch effect,
as well as tempering (or disappearance) of the martensite struc-
ture. As a result of double aging treatment, c00-Ni3Nb and c0-
Ni3(Al,Ti) phase in the form of nano- and sub-microcrystalline par-
ticles will co-precipitate from the supersaturated c-matrix.
Accordingly, the main component of hardening of the WAAM-
IN718 deposited side in the STA state appears to be dispersive,
and not solid solution hardening.
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4. Discussion

IN718 is an age hardenable alloy and attains excellent mechan-
ical properties when hardening precipitates, c0 and c‘‘, form in the
matrix. Dissolution of the aging constituents (Al, Ti, and Nb) into
the c matrix as a solid solution is necessary to gain an optimum
hardening effect from the precipitates with proper morphology
and size. Otherwise, c0 and c” do not precipitate as needed and
consequently, the appropriate properties of IN718 cannot be
acheived. Comparing the ST and the as-built samples reveals that
solution treatment at 1080 �C has considerably removed Laves
phase from the microstructure (see Fig. 4). Furthermore, ST has
broken the Laves chains and dissolved them into the cmatrix. Kin-
dermann et al. [32] also showed a significant reduction in
microsegregation, Laves dissolution, and d phase precipitation by
increasing the solution treatment temperature from 980 to
1040 �C. Hasani et al. [41] used Differential Scanning Calorimetry
(DSC) to determin the minimum required temperature of solution-
izing to dissolve the undesired d-phase and Laves phases formed in
the L-PBF IN718. They suggested that solutionizing at 1065 �C for
1 h is sufficient to dissolve both unwanted d-phase and almost
all the Laves phases. However, the present study reveals that com-
plete dissolution of Laves phases in WAAM IN718 occurs at tem-



Fig. 8. Kernel average misorientation (KAM) mapping: (a) as-built / AB, (b) solution treated / ST, and (c) solution treated-aged / STA conditions.

Fig. 9. The measured bulk texture of WAAM-IN718 using neutron diffraction: (a)
as-built / AB, (b) solution treated / ST, and (c) solution treated-aged / STA
conditions.
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peratures higher than 1080 �C. Nevertheless, increasing the tem-
perature for solution treatment (i.e., beyond 1080 �C) will cause
grain coarsening, that adversely affects the hardness and tensile
strength of metallic components. It can be readily concluded that
10
the post-processing heat treatments should depend on the sub-
strate, the feedstock alloy, and the AM technique if the substrate
is to be incorporated into the final component. This often-
overlooked fact has a pivotal impact on the microstructural and
mechanical properties of many AM components.

As shown in Fig. 6a, the grain boundaries in the as-built condi-
tion are massively serrated and have a zig-zag morphology.
According to [48], such serrated grain boundaries can form due
to cellular carbides that are localized at grain boundaries. Forma-
tion of carbides at grain boundary can impede the grain growth
and could extend the creep rupture life of the material by hinder-
ing the grain boundary sliding during the creep [49]. However, An-
Chou et al. [50] introduced the precipitation and growth of the d
phase as the responsible mechanism for forming serrated grain
boundaries in IN718. The pinning effect of a second phase on the
migrating grain boundary was introduced as the reason for the for-
maion of serrated grain boundaries [51], and Koul and Thamburaj
[48] also showed that carbides like M23C6 or M6C at the grain
boundaries were a prerequisite for developing serrated grain
boundaries. The formation of MC-carbide (NbC) and Laves is
unavoidable during the solidification of IN718, especially when
the cooling rate is high. Solidification of IN718 starts with the
transformation of primary liquid to c-dendrites (L ? c), while
the Nb, Mo, Ti, C element enrich the interdendritic regions
(c ? c + NbC). Finally, the solidification process terminates with
a eutectic-type reaction of L ? c + Laves [36]. As the EDS analysis
in our study suggests, Laves phases and MC carbides can develop
the serrated grain boundaries.

Although the temperature for the solutionizing is relatively high
(i.e., 1080 �C), as the grain boundary misorientation map (Fig. 7)
suggests, the reduction of low angle grain boundaries in the STA



Fig. 10. Vickers microhardness mapping, interface is indicated with dotted line and WAAM deposited IN718 is above dotted line and substrate on the bottom: (a) as-built /
AB, (b) solution treated / ST, and (c) solution treated-aged / STA conditions.
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treatment is more significant than after the ST treatment, particu-
larly for IN718-WAAM region. This indicates that grain boundary
migration, at least for these two treatments, is more dependent
on time than temperature. The higher fraction of LAGBs in AB state
is due to sub-grains (cells) forming because of rapid solidification
inherent with most of the AM processes. The LAGBs can be
regarded as dislocation arrangments that accommodate the slight
differences in orientation between parallel dendrites growing dur-
ing non-equilibrium conditions [52]. During austenization in the
steel substrate, recovery and recrystallization phenomena are pro-
moted, during which the dislocations tend towards annihilation.
Therefore, the fraction of LAGBs is decreased during heat
treatments.

According to Alejandro et al. [15], with an increase of Fe concen-
tration in the IN718 alloy system, the solubility of Nb and Mo
decreases in the austenitic c matrix. As mentioned earlier, partial
melting of the substrate occurs at the interface with the first depo-
sition layer. Consequently, the initial deposition layer will have a
higher concentration of Fe. In the presence of sufficient Nb, an
increase in the Fe content promotes the formation of Laves phases
in IN718 [7]. However, the role of the Marangoni effect should also
be considered [53], where it leads to back-diffusion of Nb to the
substrate (Nb depletion). Thus, the absence of Laves close to the
interface is understandable, while they can be readily formed right
above this area due to presence of both Nb and Fe elements (cf.
Fig. 3a and 5a).

Usually, fine equiaxed grains are preferred as they yield better
mechanical properties (i.e., UTS) except for creep resistance. Nev-
ertheless, the present study shows that the WAAM process leads
to larger columnar grains. These will impose a constraint on solu-
tion treatment temperature and holding time since higher temper-
atures and longer hold times will cause grain coarsening and
deterioration of mechanical properties. In addition, there will be
a trade-off between Laves dissolution and avoiding grain coarsen-
ing. As the EBSD map of the STA state (Fig. 6(b,c)) suggests, there is
no noticeable grain growth. Regarding the microstructure of the
solutionized condition and comparing it to the as-built state, it
might be better to avoid the solutionizing step and apply direct
aging on the hybrid part in order to prevent grain growth in the
substrate.
5. Mathematical framework

5.1. The dislocations’ mobility estimated using Peierls-Nabarro models

Dislocations can reconfigure themselves as cell boundaries with
a large population. These dislocations are not distributed homoge-
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nously, and their mobility is reduced because of the presence of
precipitations and dissolved alloying elements in cell boundaries.
Moreover, dislocations can also form in the interior of the cells,
which usually show lower density and more homogeneous distri-
bution. The origin of dislocations might be the thermal stresses
during rapid cooling and the repeated heating/cooling cycles.
Another origin might be the stresss induced during precipitation
phenomena due to the misfit between the matrix and precipitation
[54,55].

According to the neutron diffraction results, the lattice struc-
tures of the substrate and the WAAM part are BCC and FCC, respec-
tively. Based on the interplanar spacing, d, and the Eqs. (3) and (4a-
c) [56,57], some lattice parameters are measured and presented in
Table 5.

d ¼ a

ðh2 þ k2 þ l2Þ1=2
; ðh; k; lÞFCC ¼ ð111Þ; ðh; k; lÞBCC ¼ ð110Þ ð3Þ

b
!

FCC ¼ a
2
h110i; bFCCj j ¼

ffiffiffi
2

p

2
aðFCCÞ ð4aÞ

b
!

BCC ¼ a
2
h111i; bBCCj j ¼

ffiffiffi
3

p

2
aðBCCÞ ð4bÞ

b
!

Shockley ¼ a
6
h112i; bShockely

�� �� ¼
ffiffiffi
6

p

6
aðFCCÞ ð4cÞ

where a is the lattice constant of cubic lattice, while h; k; l are the
Miller indices. Zhang et al. [58] used an atomistic simulation to
investigate the dislocation nucleation at the Cu(FCC)/Nb(BCC) incoher-
ent interface. They mentioned that the Shockley dislocations nucle-
ate from the interface and expand through the Cu part, since the
dislocation glide in the FCC structure is easier than through the
BCC lattice due to a smaller Burgers vector and thus lower line
energy. Hence, herein the magnitude of the Burgers vector of partial
dislocation is only considered for the FCC structure (IN718). Subse-
quently, the lattice friction force against the partial dislocations’
mobility is reported for the IN718 part in the following section. It
is worth noting that the neutron diffraction analysis was performed
on the WAAM part (all heat treatments) and the substrate in its as-
built state.

The nanoindentation analysis was conducted over an area with
a 7� 3 indentation pattern. Three indents per line perpendicular to
the build direction were collected. The pattern was designed so
that three lines were tested on each side of the interface, while a
single line was carefully located on the interface (x = 0) (Note that
x is the distance from the interface). The distance between two
neighboring indents was 40 lm, where the ones in the WAAM part



Table 5
Lattice parameters of the hybrid samples obtained from the neutron diffraction.

Condition Interplanar spacing
(Å)

Lattice constant
(Å)

Burgers vector magnitude of a perfect
dislocation (Å)

Burgers vector magnitude of a Shockley partial
dislocation (Å)

WAAM - AB d 111gf = 2.0788 3.6006 2.5460 1.4699
WAAM - ST d 111gf = 2.0806 3.6036 2.5481 1.4712
WAAM - STA d 111gf = 2.0775 3.5982 2.5443 1.4689
Substrate -

AR
d 110gf = 2.0283 2.8684 2.4841 N/A
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and the substrate took the positive and negative values, respec-
tively. Table 1-Appendix shows the mean values and standard
deviation of hardness, H, elastic and shear moduli, E; and G.

In a random texture, the shear modulus can be measured
directly from the elastic modulus as follows.

G ¼ E
2ð1þ mÞ ð5Þ

where m is 0.33 as Poisson’s ratio. G is varied by the solute atoms
interstitially or substitutionally entrapped into the lattice, and pre-
sented as a representative criterion identifying the ease of disloca-
tions’ mobility. For this purpose, the lattice friction force against the
dislocations’ movement or the Peierls-Nabarro (P-N) stress, rP�N ,
can be formulated by Eq. (6). However, this continuum model is
only valid for the planar (edge) dislocations, not for the non-
planar ones (screw and mixed) [59].

rP�N ¼ 2G
1� m

exp
�2p
1� m

d
b

� �
ð6Þ

where d and b represent the distance between slip planes and the
Burgers vector, respectively [60,61]. In BCC structures, the screw
dislocation is usually dissociated into non-planar partial disloca-
tions as intrinsic stacking faults (ISFs), which is responsible for
the temperature-dependent strengthening through the ductile-to-
brittle transition [62]. As mentioned, the glissile Shockley partial
dislocations near to the interface of a BCC/FCC bimetal tend to
expand through the Ni-based superalloy; however, their decorre-
lated movement is highly dependent on the microstructure and
an effective stress is applied on each dislocation [63,64]. Decorre-
lated movement is referred to the ISFs indefinite extension due to
a continuous glide of the leading partial dislocation while the trail-
ing one is pinned [63,64]. Through the AM part, the ISFs generated
by the perfect dislocations’ dissociation (both edge and screw) are
ubiquitous defects in the superalloy. The ISFs can be extended in
the c matrix with low stacking fault energy (SFE) only if the decor-
relation phenomenon can easily take place. This requirement
becomes more pronounced in the presence of fine grains that are
prevalent in the AM structures [65]. Regarding an identical partial
glide on either {111} plane or additional layers, the ISFs can trans-
form into either extrinsic stacking faults (ESFs) or micro-twins,
which certainly affect the deformation response [64]. Therefore,
the extent of this part determines the mobility of the planar and
non-planar dislocations in both parts and therfore plays an impor-
tant role in the plastic response of the bimetal at low deformation
rates. To this end, a general model capable of estimating the friction
force against all types of dislocations is required, as formulated by
Eq. (7) [60].

rP�N ¼ C
Gb
X

exp �A
d
X

� �
ð7Þ

where X is the lattice periodicity in the direction of the dislocation
glide (the period of the Peierls potential), while C and A are con-
stants. The values of CEdge, CScrew, CPartial, AEdge, AScrew, and APartial are
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1.5, 1.0, 1.6, 4.7, 3.1, and 5.1, respectively [60]. To measure the P-
N stress of non-planar dislocations, the stress measured for an edge
dislocation using Eq. (6) is inserted into Eq. (7) concerning its corre-
sponding C and A constants. Consequently, X in each distance from
the interface can be calculated and is listed in Table 2-Appendix. It
is worth noting that d=X values are usually reported as 0.943 and
0.866 for the FCC and BCC structures; however, these are valid for
pure metals in which there has been a repetitive regular lattice peri-
odicity [60]. In a multi-component alloy, X may be different since a
random pattern of the interstitial/substitutional atoms is placed
through the crystal. As an assumption, X is considered constant
for different types of dislocations at each location away from the
interface. Subsequently, the P-N stress is measured for the non-
planar dislocations presented in Table 1-Appendix.
5.2. Effect of heat treatment on the P-N stress

As shown in Fig. 11, the nano-hardness values of the hybrid
material remarkably reacts to the annealing treatment, whereby
the IN718 shows a sharp increase in the hardness after aging treat-
ment. As opposed to the WAAM part, the steel substrate rapidly
loses the hardness after solutionizing and aging treatment, as this
steel grade is not a microalloying grade that is able to maintain its
hardness at 1065 �C (i.e., the solutionizing temperature) [66].
Despite the hardness profile through the WAAM-AB part that
shows an almost consistent trend, those in the WAAM-ST part pre-
sent the maximum value at the interface and a drastic drop some-
what away from the interface (x = 40–80 lm). This might result
from Nb depletion in these regions due to its back diffusion into
the interface as this element is released from the lattice during
solutionizing. In other words, although the solutionizing is a treat-
ment to obtain a supersaturated lattice, the lattice here contains
less entrapped interstitial/substitutional atoms compared with
the AB lattice in which the structure is exposed to solute trapping
or banding effect due to a rapid solid/liquid interface velocity [26].
At some distance from the interface (x = 120 lm), Nb release is still
governed; however, the depletion phenomenon is not dominant.
Lower hardness adjacent to the interface of the WAAM-STA than
the region far away (x = 120 lm) is also attributed to lower Nb con-
centration at x = 40–80 lm, which has less contribution to the for-
mation of the hard c0 and c‘‘ phases. In the WAAM-AB part, a
similar trend is also observed in E and G curves, where the values
are minimum at x = 40 lm. However, this trend is assigned to the
Marangoni effect that takes place through the melt pool. During
the first layer’s deposition, an interfusion of the substrate and
IN718 results in a long-range diffusion of atoms through the fusion
zone. The Marangoni effect facilitates the atomic diffusion carrying
some alloying elements (like Fe) along the substrate to the WAAM
deposited part (cf. Fig. 3a and 5a) [67]. As this can affect the inter-
atomic potentials and bonding, the elastic and shear moduli are
different from those measured far away from the interface. This
phenomenon also applies its trace on E and G values in the
WAAM-ST andWAAM-STA parts, as illustrated in Fig. 11. The trend



Fig. 11. The values of hardness, E, and G close to-, and at the interface: (a-c): AB, (d-f) ST, and (g-i) STA conditions.
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of E and G in the hybrid-AB sample can be presented by mathemat-
ical equations as follows.

E ¼ 240:52� 3:19ð Þ � ð40:1� 4:13Þexpð1� z� nÞ; Adj:R

� square

¼ 0:94 ð8Þ

G ¼ 90:42� 1:2ð Þ � ð15:07� 1:55Þexpð1� z� nÞ; Adj:R

� square

¼ 0:94 ð9Þ

where n ¼ expð�zÞ, z ¼ ðx� 51:36� 7:67ð ÞÞ=ð66:69� 10:7Þ, and x is
the distance from the interface.

Fig. 12(a-c) reveal the mean P-N stress of the dislocations in
WAAM IN718 at various heat-treating conditions, where the values
for the planar dislocation are obtained by Eq. (6), while those non-
planar are calculated using Eq. (7). As observed, the friction force
against the screw dislocations’ mobility is almost two to three
order magnitudes higher than the one for the edge and partial
dislocations, respectively. As a result of the lower mobility of the
screw dislocations, their dissociation into the partial dislocations
followed by the ISFs generation is supposed to be indispensable.
Also, by distancing from the interface (x = 120 lm) over which
the effect of atoms depletion and Marangoni effect during the
WAAM process is less pronounced, it can be observed that the
P-N stress of all types of dislocations is maximum in the WAAM-
13
STA sample, while the minimum value belongs to the solutionizing
treatment. The reason can be attributed to the presence of c‘‘ with
a BCT structure in the matrix of the WAAM-STA sample that leads
to a higher line energy and a larger Burgers vector. In addition, the
lower P-N stress in the WAAM-ST sample compared to the WAAM-
AB sample is due to a less saturated lattice by Nb release during the
solutionizing. However, a random trend of the data near the inter-
face can be ascribed to the facts previously explained for the hard-
ness. By comparing the P-N stress over the as-received substrate
and WAAM-AB part, it can be concluded that both edge and screw
dislocations show higher mobility in the FCC structure. This fact
also reconfirms the necessity of the perfect dislocations’ dissocia-
tion, particularly in the lattice with BCC structure.

6. Remarks on manufacturing of IN718/steel hybrid parts:

6.1. Interlayer and selection criteria

First, the interlayer with a high melting point (Tm) (compared
to both substrate and deposited material) cannot be completely
melted during the deposition; therefore, it remains at the interface
without proper bonding and will become the weak point of the
joints. For instance Nb has melting point of 2477 �C, which clearly
is not a good option. Ideally, the Tm for the interlayer should be
between the Tm of the substrate and the deposition. Second, the
same argument as the latter is also valid for thermal conductivity
of the interlayer, i.e., the high difference between the thermal con-



Fig. 12. The average P-N stress of the planar and non-planar dislocations within (a-c) the WAAM IN718 at different heat treatments, (d, e) the bimetal at AB condition.
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ductivity of the interlayer with substrate/deposition induces sig-
nificant thermal stresses and large temperature gradients during
the deposition process. Third, to enhance the metallurgical com-
patibility, it is highly recommended that the microstructure should
consist of a solid solution or minimal intermetallic compounds
with the addition of an interlayer. The Gibbs energy of formation
(DG) is an essential criterion for selecting the interlayer to be ther-
14
modynamically favorable [17]. Further, the thickness of the inter-
layer is critical, and it depends on the energy input from the heat
source which could be laser, electron beam, or electric arc. Either
of them will affect the thickness of the deposited layer itself. While
a thin interlayer does not inhibit the formation of brittle inter-
metallic, a thick interlayer also cannot be fully melted due to insuf-
ficient energy input.
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6.2. Modification of heat treatment

On the one hand, there is segregation of constituents such as
Nb, Ti, and Al, necessary for c‘‘ and c0 precipitation, inherent to
high cooling rates associated with the AM techniques like the
WAAM process. On the other hand, the standard solution temper-
ature is not high enough to produce a complete dissolution of the
Laves phases, as shown in Fig. 4(b). This is also true for other PBF
techniques such as SLM but to a lesser degree. In those techniques,
the segregation is less severe and actually is in the form of micro-
segregation, and the Laves phases are smaller in size. Thus, the dis-
tance for the diffusion of alloying elements (Nb, Ti, and Al) is
shorter, according to [68]. Therefore, complete or almost full disso-
lution of deleterious phases (i.e., Laves) can be accomplished at
lower solution temperature and shorter times without excessive
grain coarsening. However, in the WAAM process, it seems impos-
sible to dissolve all the undesired Laves phases without significant
grain coarsening and, therefore, a loss of mechanical properties. In
conclusion, the WAAM-IN718 shows a different starting
microstructure than the PBF-IN718. Consequently, the same
annealing treatment produces a different results in these two tech-
niques. Briefly, PBF for IN718 is favourable to WAAM in terms of
homogenization and Laves phase dissolution. All in all, such differ-
ences between various AM techniques requires consideration in
order to have a sound and uniform bonding between two dissimi-
lar metals and minimizing the formation of Laves phases in the as-
deposited microstructure.

7. Conclusion

The work presented here showed the microstructural features,
texture evolution, and micro-hardness of WAAM deposited IN718
alloy on mild structural steel (grade S275), which was investigated
in three different states: As-Built (AB), Solution-treated (ST, for one
hour at 1080 �C), and Aged (STA, 720 �C, 8 h/furnace cooling at
55 �C/h to 620 �C, held for 8 h/ air cooling). The following conclu-
sions can be drawn:

1. The microstructure of the AB sample on deposited side consists
of Laves chain, micro-segregation of alloying elements (mainly
Nb) that is inherent to most of the AM build parts, serrated
grain boundaries, and strong h001i texture parallel to building
direction (BD).

2. The microstructure of the ST sample on the deposited side
showed a minimal amount of undissolved, residual Laves
mainly concentrated closer to the interface. Solutionizing at
1080 �C for 1 h does not seem adequate to completely dissolve
the Laves phase. However, higher solution temperatures will
bring undesirable grain-coarsening on both deposited side and
the substrate. The strong h001i//BD was also preserved in the
ST and STA states. Serrated grain boundaries were disappeared
after solutionizing as a result of the dissolution of secondary
precipitates (i.e., d-phase, carbides, Laves)

3. Solution treatment caused grain coarsening in both the S275
substrate and the WAAM deposited IN718. The extent of the
grain growth within the substrate is significant. On the other
hand, aging treatment did not cause any noticeable grain
growth in neither WAAM-deposited IN718 nor S275 substrate.

4. According to the neutron diffraction results, the strong h001i//
BD texture was preserved in the ST and STA states.

5. The average hardness (HV) of theWAAM-deposited IN718 in AB
state was 307 ± 33 HV, while the substrate had a hardness of
419 ± 33 HV. After solution treatment, the substrate hardness
experienced a more than 50% decrease (205 ± 17 HV), while
the hardness of the IN718 side remained almost the same
15
(316 ± 21 HV). In the aged condition, the substrate maintained
the same average microhardness as in the ST condition, while
the microhardness in the IN718 side substantially increased to
496 ± 117 HV due to precipitation of hardening c‘‘ and c0

phases.
6. As the distance from the interface increases through the WAAM

IN718 part, hardness, elastic, and shear moduli increase for all
heat treatment conditions. While the reason behind the drop
in hardness near the interface is attributed to Nb depletion
and a lower fraction of hard c0 and c‘‘ phases (in STA sample),
the lower magnitude of elastic and shear moduli next to the
interface is likely due to the Marangoni effect dragging some
alloying elements from the substrate which in turn generates
irregularity in interatomic potentials and bonding.

7. For all heat treatment conditions, the screw dislocations show
much lower mobility than the edge and partial dislocations in
WAAM IN718. Also, the P-N stress shows its maximum value
in the IN718-STA sample, which might be due to the presence
of c‘‘-BCT phase, inducing higher line energy. The higher P-N
stress in IN718-AB compared to IN718-ST is due to solute trap-
ping during rapid solidification, increasing the lattice’s shear
modulus.
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Table A1
The mean values of some physical and mechanical properties of the hybrid material.

Property Condition Distance from the interface (lm)

x = �120 x = �80 x = �40 x = 0 x = 40 x = 80 x = 120

H
�
(HV) / SD* AB 431.7 / 5.25 421.7 / 6.8 393.3 / 6.02 327.0 / 21.7 327.7 / 29.5 337.7 / 5.56 336.7 / 5.73

ST 224.3 / 15.97 208.3 / 6.8 203.0 / 7.26 344.7 /
12.97

284.3 / 14.52 302.3 / 9.88 330.0 / 12.75

STA 208.3 / 11.44 195.3 / 5.44 198.7 / 8.73 260.3 /
10.62

325.7 / 8.99 344.7 / 7.41 578.7 / 10.5

E
�
(GPa) / SD AB 234.8 / 4.01 238.4 / 2.47 235.2 / 4.68 219.0 / 4.96 193.0 / 6.54 206.1 / 2.7 208.2 / 4.56

ST 213.9 / 5.12 214.9 / 2.47 213.0 / 8.21 208.3 / 2.65 196.7 / 15.81 202.8 / 4.92 203.0 / 11.05
STA 220.8 / 4.13 213.7 / 5.23 212.8 / 7.58 218.2 / 5.85 205.3 / 3.98 199.3 / 3.5 219.3 / 7.19

G
�
(GPa) / SD AB 88.3 / 1.51 89.6 / 0.93 88.4 / 1.76 82.3 / 1.86 72.6 / 2.46 77.5 / 1.01 78.3 / 1.72

ST 80.4 / 1.9 80.8 / 0.96 80.1 / 3.07 78.3 / 0.99 73.9 / 5.95 76.2 / 1.82 76.3 / 4.13
STA 83.0 / 1.52 80.3 / 1.95 80.0 / 2.85 82.0 / 2.17 77.2 / 1.5 74.9 / 1.31 82.4 / 2.71

r
�
P�NðPerfect�EdgeÞ (GPa) / SD AB 12.456E-2 / 2E-

3
12.647E-2 / E-3 12.457E-2 / 2E-

3
N/A 10.24E-2 / 3E-3 10.933E-2 / E-3 11.046E-2 / 2E-

3
ST N/A 10.43E-2 / 8E-3 10.753E-2 / 3E-

3
10.766E-2 / 6E-
3

STA N/A 10.887E-2 / 2E-
3

10.567E-2 / 2E-
3

11.632E-2 / 4E-
3

r
�
P�NðPerfect�ScrewÞ (GPa) / SD AB 11.249E-1 / 2E-

2
11.421E-1 / 1E-
2

11.266E-1 / 2E-
2

N/A 9.247E-1 / 3E-2 9.873E-1 / E-2 9.976E-1 / 2E-2

ST N/A 9.448E-1 / 8E-2 9.71E-1 / 2E-2 9.752E-1 / 5E-2
STA N/A 9.86E-1 / 2E-2 9.57E-1 / 2E-2 10.534E-1 / 3E-

2

r
�
P�NðPartial�SchokleyÞ (GPa) /
SD

AB N/A 3.276E-2 / E-3 3.498E-2 / � 0 3.534E-2 / � 0
ST N/A 3.355E-2 / 3E-3 3.44E-2 / � 0 3.463E-2 / 2E-3
STA N/A 3.5E-2 / � 0 3.398E-2 / � 0 3.74E-2 / E-3

*SD: Standard deviation

Table A2
The magnitude of the Peierls potential period calculated next to the interface.

Condition Distance from the interface (lm) / X (Å)

WAAM – AB 40 / 1.275 80 / 1.275 120 / 1.275
WAAM – ST 40 / 1.277 80 / 1.276 120 / 1.277
WAAM - STA 40 / 1.275 80 / 1.275 120 / 1.275
Substrate �40 / 1.244 �80 / 1.244 �120 / 1.244
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