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ABSTRACT

We demonstrate a non-destructive approach to understanding the growth modes of a GaN thin film and simultaneously quantify its residual
strains and their effect on optical and electrical properties using correlative scanning electron microscopy techniques and Raman micros-
copy. Coincident strain maps derived from electron backscatter diffraction, cathodoluminescence, and confocal Raman techniques reveal
strain variations with similar magnitude and directions, especially in the proximity of dislocations. Correlating confocal Raman imaging
with electron channeling contrast imaging suggests that the dislocations organize themselves to form a distinctive pattern as a result of the
underlying growth mask, where some of them align along the [0001] growth direction and some are inclined. The methodology presented
in this work can be adopted to investigate any heteroepitaxial growth, in particular, those using selective masks on the growth substrates,
where the morphology influences the subsequent growth.

© 2022 Author(s). All article content, except where otherwise noted, is licensed under a Creative Commons Attribution (CC BY) license
(http://creativecommons.org/licenses/by/4.0/). https://doi.org/10.1063/5.0080024

I. INTRODUCTION

Measuring strain relaxation in lattice-mismatched heteroepi-
taxial semiconductor materials, for example, GaN, provides
insight into dislocation formation.1 Understanding the nature of
dislocations and their role in plastic deformation helps us to
better develop novel methods for producing technologically rele-
vant electronic materials. Extended defects in as-grown semicon-
ductors are quite common, especially in the heteroepitaxial
growth of thin films, irrespective of the growth methods and con-
ditions. Screw dislocations, for example, can alter the activation
barrier for growth in the immediate surrounding areas2,3 and can
be detrimental to electronic and optoelectronic devices.4,5 There
are papers on the growth and structural characterization of a
wide range of semiconductors, where the strain state and disloca-
tions of the grown material were quantified, often using destructive

and indirect analytical techniques.1,6 There is also extensive lit-
erature on non-destructive imaging of extended defects and
residual strain evaluation methods.6–8 However, we know of no
reports describing the non-destructive evaluation of the residual
strains and the correlation of these with the arrangement of dis-
locations, and their effect on optical and electrical properties
from the same microscale region of the sample. This is the
objective of our work.

Here, we demonstrate a non-destructive approach to under-
standing semiconductor thin film growth modes, studying the struc-
tural, optical, and electrical properties of a thin film using correlative
light–electron microscopy. We combine the scanning electron micro-
scope (SEM) based techniques of high spatial resolution electron
backscattered diffraction (EBSD),7 electron channeling contrast
imaging (ECCI),8 and cathodoluminescence (CL) hyperspectral
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imaging9 together with confocal Raman hyperspectral imaging10

to image and quantify the residual strains in a nanodash epitaxial
lateral overgrown (ELOG) GaN thin film. We have chosen GaN
due to its technological importance,11 and as an example to dem-
onstrate our correlative microscopy approach. Nonetheless, our
methodology is suitable for any heteroepitaxial thin film growth,
especially when using selective masks on the growth substrate.

II. EXPERIMENTAL METHODS

Confocal Raman imaging is performed using a Renishaw
inVia confocal Raman microscope with a 532 nm laser source,
3000 lines/mm grating, and 150× (0.95 NA) objective. The laser
power was 10 mW, the lateral spatial resolution was 0.3 μm, and
the spectral shift resolution is better than 0.01 cm−1. Raman maps
were obtained by scanning the sample under the microscope
using a 0.1 μm step size. An FEI Sirion 200 Schottky FEG–SEM
was used to obtain secondary electron images and ECCI micro-
graphs at an electron beam energy of 30 keV. The ECCI micro-
graphs were obtained using the forescatter geometry where the
sample is tilted from 30° to 80° toward the electron-sensitive
detector positioned to collect electrons scattered to low takeoff
angles. The EBSD patterns were obtained using a Bruker
e−FlashHR+ EBSD detector mounted on a Merlin (Zeiss) FE-SEM
with an electron beam energy of 20 keV and a probe current of
≈5 nA. By moving a focused electron beam point by point across
a grid of positions on the surface of the sample, the EBSD maps
were recorded by acquiring an EBSD pattern for every 150 nm
with a pattern resolution of 1600 × 1200 pixels (full resolution of
the EBSD camera) and exposure time of 1 s per pattern. The
residual strain and lattice rotation maps were calculated using
cross-correlational analysis conducted offline using the method
described in Refs. 12 and 13. EBSD pattern shifts were determined
from 35 ROIs of each pattern with a bandpass filter applied in the
Fourier domain to remove high-frequency noise and low-frequency
background intensity variations. One pattern was selected as the
reference and all the measurements are made relative to this. An
FEI Quanta 250 Schottky FEG–SEM was used to perform CL in
hyperspectral imaging mode using a custom-built CL system
attached to the SEM, where a spectrally resolved luminescence spec-
trum is collected for every pixel in the image. The light was col-
lected by a Schwarzschild reflecting objective, dispersed with a
1/8m focal length spectrometer (Oriel MS125), and collected using
a 1600-channel electron-multiplying charge-coupled device (Andor
Newton). The CL data set was recorded at room temperature with
an electron beam energy of 5 keV.

A. Growth of nanodash GaN

The nanodash ELOG growth of GaN is described in detail in
Ref. 14. Here, we briefly describe the nanodash fabrication and sub-
sequent growth. Typically, in the selective area growth of GaN, a
dielectric material (SiNx in our case) is used to produce a pattern
on top of a GaN layer; further material cannot nucleate where the
dielectric material is present. Electron beam lithography combined
with dry etching is used to create openings in the form of dashes
with nanoscale dimensions. Further growth from the nanodashes is
described below. The growth procedure can be divided into three

stages described by these terms: (a) convex, (b) concave, and (c)
planarization. The nanodashes aligned along 1–100h i are used to
promote lateral growth during the convex growth phase. After the
first 20 min of growth, a highly regular pattern of elongated
pyramid dashes is created as shown in the secondary electron
(SE) image in Fig. 1(a). Each dash is made up of six slow-growing
{1–101} facets and two fast-growing {11–22} facets, the latter lat-
erally enlarging the nanostructures to create more diamond-like
shapes with further growth. Each nanodash meets its neighbors
after around 200 min growth, at which stage the {11–22} facet
from one structure touches the {1–101} facet of an adjacent one,
as seen in Fig. 1(b). At this point, the growth switches from
convex to concave, after which the growth rate increases and the
structure evolves into a highly regular tessellation of {1–101} and
(0001) c-plane facets. Further continuing the growth, at around
560 min, the selective growth mask is completely covered to create
an array of large inverted pyramids, each bounded by two coexisting
families of semipolar planes: {1–101} and {11–22} [see Fig. 1(c)].
Planarization using a higher growth temperature was initiated once
the growth mask was completely covered to result in nominally
undoped c-plane GaN at around 880min with slight undulations in
the surface [see Fig. 1(d)].

III. RESULTS AND DISCUSSION

A. Confocal Raman imaging and SEM imaging

Although the SE images shown in Figs. 1(a)–1(d) clearly
depict various stages of the crystal growth, one has to stop the
growth and capture the image to understand the evolution of the
crystal growth using this method. Here, we propose an alternative
approach to understanding the growth mechanism without inter-
rupting the crystal growth, while simultaneously probing some of
the physical properties of the grown material both rapidly and
non-destructively by using confocal Raman imaging. In the past,
Raman measurements15 have been slow, with a single spectrum
typically taking up to a minute to acquire. However, advances in
technology have significantly reduced this time to milliseconds,16

enabling large area mapping measurements in 3D with sub-
micrometer spatial resolution.17 Figures 1(e)–1(h) show confocal
Raman E2 peak15 intensity images taken at different depths
through a sample.18 Although the confocal Raman images do not
have as high a lateral spatial resolution as the SE images, the
nanodash structures and their evolution at the various stages of
growth can clearly be observed. The information from the overly-
ing layers is largely excluded in the confocal image acquired from
the deeper part of the sample. The supplementary material (S1)
contains a video of confocal Raman imaging showing the evolu-
tion from nanodashes to a completely coalesced thin film.

The possibility of using multiple analysis modes has been one
of the major advantages of using an SEM along with minimal or
no sample preparation and the ability to study bulk as well as
nanoscale structures (from a few millimeters to nanometers).
Detailed descriptions of different analysis modes, techniques, and
their uses are given elsewhere.19,20 Here, we describe how we
exploit some of the SEM-based techniques to understand the strain
state and distribution of dislocations,12,21,22 thereby revealing the
growth mechanisms which result from the underlying nanodash
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template. We have performed ECCI followed by EBSD, CL, and
Raman imaging. Figure 2 shows coincident white light microscopy,
confocal Raman microscopy, and scanning electron microscopy
images from the same micrometer-scale area of the nanodash GaN

thin film. The images are cropped to display the same area to
directly compare the various properties of the sample. Optical
microscopy is useful for acquiring large areas with prominent fea-
tures that can be used as reference markers for finding the same

FIG. 1. Evolution of crystal growth morphology monitored during the various stages of the nanodash GaN thin film structure imaged using secondary electrons (SEs) in a
scanning electron microscope [(a)–(d)] and confocal Raman images [(e)–(h)] of E2 peak intensity. The SE images were taken after interrupting the growth to record the
growth modes and not from the same sampling area, whereas the confocal images were taken after the growth and from the same micrometer-scale area of the sample.
(e)–(g) were collected at 18.3, 9.2, and 4.6 μm beneath the sample surface; their exact location is highlighted on the larger sample area image in (h).

FIG. 2. Coincident optical, confocal Raman, and scanning electron microscopy imaging. (a) The white light optical image, (b) confocal Raman image of E2 peak intensity
collected 16 μm beneath the sample surface, and (c) topographic contrast dominated backscatter electron image.
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area for other characterization techniques. Since GaN is transpar-
ent in the visible region of the spectrum, we sought out areas
close to contamination spots to help registration; this is shown in
Fig. 2(a). Nonetheless, large area optical images (see S2 in the
supplementary material) show areas with surface undulations,
which served as recognizable features for aligning our correlative
microscopy analysis. The confocal image in Fig. 2(b) is acquired
in such a way that the sample is oriented to a specific crystallo-
graphic direction as marked in the image. This makes it possible
to identify 1�100h i and 11�20h i directions from underlying
nanodashes as shown in Fig. 2(b). The surface morphology of the
sample is shown clearly in the backscatter electron (BSE) image
displayed in Fig. 2(c). Depending on the detector position, direc-
tion and energy of the incident, as well as the scattered electrons,
BSEs can reveal both topographic and diffraction information.23

Figure 2(c) shows a topographic-dominated BSE image. In com-
parison with the E2 peak intensity Raman image, there is no clear
correlation between the surface topography and the nanodash
orientation. Nonetheless, there is a correlation between the orien-
tation of nanodashes and the dislocation distribution. Figure 3(a)
shows an ECCI micrograph acquired under the channeling

conditions optimized to reveal threading dislocations (TDs), and
they appear as spots with bright and dark contrast.

Although it is possible to identify dislocations by ECCI
using the invisibility criteria used in transmission electron
microscopy (TEM), it is not possible to satisfy the appropriate
conditions in a plan view image for vertical TDs in materials
where surface relaxation is dominant. Instead, for materials with
a wurtzite crystal structure such as GaN, a simple geometric pro-
cedure may be used to identify a given TD as an edge (a type),
screw (c type), or mixed (a + c type), by exploiting differences in
the direction of the dark-bright contrast observed for dislocations
in two ECCI micrographs acquired with symmetric channeling
conditions.24 As a result of their screw component, dislocations
inclined to the surface will be identified as mixed-type disloca-
tions. Under appropriate diffraction conditions, if TDs are
inclined to the surface, they may also exhibit lower contrast than
vertical TDs. This is observed in the ECCI micrograph in Fig. 3(a)
(also see S3 in the supplementary material). The total TD density is
(6.0 ± 0.5) × 107 cm−2. The relative percentages of edge, mixed
and inclined dislocations vary over the sample, and for the ECCI
micrograph in Fig. 3(a), the percentages of dislocations of each

FIG. 3. Coincident ECCI, CL, and confocal Raman imaging. (a) ECCI micrographs show threading dislocations (TDs) as black and white spots. (b) CL NBE intensity map
showing TDs as black spots, (c) CL fitted peak position energy map showing compressive (blue region) and tensile strain (red region) on clusters of TDs, and (d) Raman
image of the E2 peak position showing the strain effect due to TDs similar to a CL centroid energy map measurement collected ≈2 μm beneath the sample surface. The
dotted circle shows a region of clustered dislocations.
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type were estimated as ≈10% edge, ≈60% mixed, and ≈30%
inclined (see S3 in the supplementary material).

B. Impact of dislocations on optical and electrical
properties

Having identified dislocation distribution and types, we now
show their impact on the optical and electrical properties with the
correlative microscopic techniques of hyperspectral CL and confo-
cal Raman imaging. Wavelength shifts in CL peaks observed in
GaN (as for other materials) can be due to the effects of strain,
temperature, electron beam energy (depth), carrier concentration,
and excitation density.25 Within a single CL hyperspectral image
acquired with fixed experimental conditions, only the intrinsic
properties of the sample itself, such as strain and carrier concentra-
tion, will vary. In our present work, we can rule out the contribu-
tion of Si out-diffusion from the ELOG mask as the overgrown
thickness of the film is 20 μm, leaving strain as the major contribut-
ing factor in our analysis. Most of the work on estimating strain
from the luminescence peak positions has been carried out at low
temperatures on GaN thin films where multiple free excitons (A, B,
and C) are observed.26 Since we have performed CL at room tem-
perature, only a single broad peak is observed which we refer to as
the near band edge (NBE) emission peak. The NBE peak at room
temperature is dominated by the A free exciton, so it is reasonable
to assume that the NBE peak has the characteristics and behavior
of the A free exciton (see S4 in the supplementary material for a
mean CL spectrum).

For the CL intensity map shown in Fig. 3(b), dark spots corre-
sponding to single, isolated TDs have a diameter of ≈150 nm. If
the excitation volume is sufficiently small, the size of the dark spots
is determined by the minority carrier diffusion length. In this case,
the size of the dark spots is dominated by the excitation volume.22

The larger dark spots correspond to clusters of TDs. A comparison
of the ECCI micrograph and the CL intensity map shows a
one-to-one correlation for these TDs. The regions of the sample
showing the highest CL intensity appear to coincide with regions of
the sample which are free of dislocations. However, not all
dislocation-free regions show bright CL, possibly indicating the
presence of other defects such as point defects. Figure 3(c) shows
the CL fitted peak position energy map where the effect of disloca-
tions on the strain and the effect of strain on the bandgap are
mapped. The dislocation clusters show a strain profile from com-
pressive to tensile through a shift in peak emission energy (lower
energy for tensile strain and higher energy for the compressive
strain). The origin of the shift in the CL NBE peak is due to local
strain caused by dislocations. The average energy and full width
half maximum (FWHM) of the NBE peak at the defect-free
region are 3.421 eV and 55 meV, respectively (see Fig. S4 in the
supplementary material). The average energy of the NBE peak at
the center of a dislocation cluster (compressive side) is 3.425 eV.
As a first approximation, the magnitude of the energy shift caused
by dislocations [19 of them, marked by the dotted white circle in
Fig. 3(a)] is ≈4 meV. Typically, an increase in FWHM corresponds
to an increase in the density of dislocations or impurity incorpora-
tion. We do not see any appreciable change in the FWHM on our
sample (see Fig. S4 in the supplementary material).

Dislocation strain fields in GaN, probed by confocal Raman
imaging, are shown in Fig. 3(d). One of the distinct peaks observed
in the Raman spectrum of GaN is the E2 peak. The position of the
E2 peak of relaxed GaN at room temperature is at 567.6 cm−1.27

Tensile strain in the crystal leads to a shift to a lower frequency and
compressive strain leads to a shift to a higher frequency. This is
shown in Fig. 3(d) where areas with groups of dislocations show
regions of relatively more compressive or tensile strain. The direc-
tion of the strain profile (black-white direction) is different for dif-
ferent clustering of dislocations. This is due to the different types of
dislocations in the cluster and their inclination angles to the
surface. Our Raman measurements indicate that the GaN layer is
under average compressive stress of 0.162 GPa. The relative shift of
the E2 peak between the areas with and without dislocations is
≈0.6 cm−1. Compared with ECCI micrographs, we have related the
TD density to the FWHM of the E2 (high) peak. Regions with no
dislocations show lower FWHM and regions with TDs show rela-
tively high FWHM (see S5 in the supplementary material). This is
consistent with the expectation that the smaller the FWHM, the
lower the number of extended and point defects.27

C. Imaging residual strains by EBSD, CL, and Raman
imaging

Typically, c-plane oriented GaN grown on sapphire by
MOCVD exhibits biaxial strain.28 However, in our case due to the
complex growth method involving nanodashes, the strain state can
be complicated. To further investigate the effect of nanodashes on
the residual strain of the GaN thin film, normal and shear strains
were calculated from high-resolution (HR) EBSD.13,29,30 The results
were then compared to the residual strain calculated from CL and
Raman imaging. The large area elastic strain variation and lattice
rotation maps obtained using the cross-correlational EBSD analysis13

are given in S6 and S7 in the supplementary material. Here, we show
normal strain distributions obtained using the light and electron
microscopy techniques from the same area of a sample. A detailed
description of strain measurements by EBSD is given in Refs. 13, 29,
and 30 and briefly explained in the supplementary material. Here,
we discuss the assumptions made to produce the strain maps. The
maps produced represent the variation in elastic strain with respect
to a reference point. The reference point is a user-selected option; in
our measurements, we have selected an area toward the top left
corner of the map where there are no extended defects. A number of
square regions of interest (ROIs) are distributed over the electron
backscatter diffraction patterns. For each ROI, the cross correlation
between the test pattern and the reference pattern is calculated using
fast Fourier transforms. The location of the peak in the cross correla-
tion is determined and gives the shift vector for this ROI. The shift
measured is the average of all pixels within the ROI. We assume that
the shift measured in this way is equal to the shift at the point at the
center of the ROI. Similarly, we assume that the measured shifts are
some average value determined by the strain within the sample
volume in the specimen.

Figures 4(a) and 4(b) show the residual normal strain maps;
we have added the in-plane strains (εxx þ εyy) and plotted the
out-of-plane εzz separately. The same color scale (blue—minimum
to red—maximum) is used for plotting residual strains using all
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three techniques. Regions with high tensile strain are in red, and
regions with compressive strain are in blue. Areas with lower strain or
no strain are in green. By comparing maps of the six (three normal
and three shears) strain components (εxx , εyy , εzz , εxy , εxz , εyz), it
can be determined that the higher strain variations are for the
in-plane shear strain, εxy, and the two in-plane normal strains, εxx
and εyy (see Fig. S6 in the supplementary material). The lattice con-
stants and in-plane thermal expansion coefficient of the GaN differ
from that of sapphire, and this results in the in-plane strain of GaN
on sapphire, which will also lead to the formation of dislocations.
Regions with dislocations show both high compressive and
high tensile strain. The dipole-like strain profile (see S6 in the
supplementary material) is a classic indicator of residual shear
strain due to dislocations. The variation in the out-of-plane
normal strain (εzz) is minimal (but not completely nil) in accor-
dance with the assumption that the corresponding out-of-plane
stresses should be zero.29 From the strain calculations, εxx is not
exactly equal to εyy , the condition for true biaxial strain. A cross-
correlational plot between εxx and εyy provides a Pearson correlation

coefficient of 0.5, which is significant, and shows that the strain may
be anisotropic. The magnitude of the shear strain (εxy) in the areas
where there are dislocations is ±0.0008. Larger variation in the mis-
orientation is also seen in the regions with more dislocations. The
magnitude of the out-of-plane rotations (ωxz andωyz) are greater
than the in-plane rotation (ωxy), indicating a higher density of screw
component dislocations compared to edge component dislocations;
this is consistent with the ECCI dislocation analysis. Individual dis-
locations are also resolvable in the ωxy , ωxz , and ωyz EBSD maps
(see S7 in the supplementary material).

We then compare the normal strain evaluated by CL and con-
focal Raman imaging from the same area as the EBSD and quantify
the residual strain. The depth resolution of scanning electron
microscopy based techniques such as EBSD and CL can range from
tens of nm to hundreds of nm. The depth resolution of the confocal
Raman imaging is in the order of hundreds of nm to tens of μm.
Note that the EBSD and CL maps have been rescaled since they
were acquired at a different tilt angle than the large area Raman
image, which is used as a reference for the image alignment.

FIG. 4. Residual normal strains distribution derived from high spatial resolution EBSD, CL, and confocal Raman imaging. Top row images correspond to residual strains
along 11�20h i and 1�100h i and bottom row images correspond to residual strain along 0001h i. (a) In-plane strain maps from EBSD, (b) out-of-plane strain, along
0001h i. Normal strains are derived from CL (c) in-plane strains and (d) out-of-plane strains. Normal strains derived from Raman E2 peak position map (e) in-plane strains
and (f ) out-of-plane strain.
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Shan et al26 investigated the effect of strain on the excitonic transi-
tions of GaN where they measured the strain using x-ray diffraction
and the excitonic peak positions using photoluminescence spectro-
scopy. We have taken a similar approach but we used EBSD for
strain measurements and hyperspectral CL imaging for the A free
exciton peak position. The A free exciton peak position is related to
the principal strains (εxx , εyy , εzz). The relation between the CL
peak position and the principal strains can be described by (neglect-
ing spin-orbit interaction)

E(A) ¼ E(0)þ a1εzz þ a2(εxx þ εyy)þ b1εzz þ b2(εxx þ εyy),

where E(0) is the strain-free transition energy of the A free exciton
peak and E(A) is the energy of the NBE peak position from the
hyperspectral CL map. Assuming the out-of-plane stress to be
zero, we deduce εxx þ εyy ¼ � C33

C13
εzz , where C13 and C33 are the

stiffness coefficients. We have used the same elastic stiffness coeffi-
cients C13 ¼ 106 GPa and C33 ¼ 398 GPa, used in our EBSD anal-
ysis. This reduces the equation relating to excitonic peak position
and strain ΔE ¼ (a1 þ b1)εzz þ (a2 þ b2)(εxx þ εyy). We then
resolve εxx þ εyy and εzz , using the following equations and
the strain maps are shown in Figs. 4(c) and 4(d), respectively,

εxx þ εyy ¼ ΔE
(a2þb2)�C13

C33
(a1þb1)

and εzz ¼ (εxx þ εyy) � C13
C33

� �
. The

constants a1 and a2 are the hydrostatic deformation potentials; b1 and
b2 are the uniaxial deformation potentials. We used the deformation
potentials from Wilkinson et al,29 a1=−6.5 eV, a2=−11.8 eV,
b1=−5.3 eV, and b2= 2.7 eV. We then estimated the residual strain
from the Raman E2 peak positions and resolved the normal strains
εxx þ εyy and εzz without including the effect of shear strain,

28

Δω ¼ aE2(εxx þ εyy)þ bE2 εzz + cE2
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
(εxx � εyy)

2 þ 4ε2xy

q
,

where a, b, and c are the deformation potentials of the E2 (high)
peak with values of −850, −963, and 379 cm−1, respectively.28 The
magnitude of the residual strain maps derived using all three techni-
ques yield similar values. The residual strain due to dislocations
from two regions (i) from clusters of dislocations (see the solid
circles in Fig. 4) and (ii) from a line of edge dislocations (see the
solid rectangle in Fig. 4) are also estimated using all three techni-
ques. The state of the art nanobeam electron diffraction using
STEM also provides a strain sensitivity in the order of 104. We note
that the residual strain maps derived from confocal Raman imaging
[see Figs. 4(e) and 4(f)] provide a reliable and non-destructive,

FIG. 5. Correlative confocal Raman and ECCI micrographs. (a) Raman E2 intensity image showing the location of the nanodashes highlighted by dotted yellow dashes,
(b) Raman A1 peak intensity image revealing the location of the first coalescence marked using a double-sided white arrow, (c) ECCI revealing the position of dislocations
and the yellow arrow points the dislocation line-up (d) E2 peak position showing dislocation line-up direction and merging location at the center of the inverted pyramid, (e)
A1 peak position image showing the semipolar planes and the location of the inverted pyramid, and (f ) schematic explaining the dislocation line-up mechanism.
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rapid, and statistically significant method of residual strain analysis
for the 3D growth of semiconductors. Doping will affect the strain
sensitivity of CL and Raman spectroscopy. High doping density may
induce EBSD pattern degradation, which affects strain sensitivity.

D. Dislocation distribution and nanodash GaN growth
modes

We also use the information gained from correlative microscopy
to understand the nanodash GaN growth modes. Figures 5(a)–5(e)
show the confocal Raman and ECCI micrographs from the same
area revealing the positions of TDs with respect to the nanodashes.
From the ECCI micrograph, three main features within the dislo-
cation distributions can be seen: (i) clustering of dislocations in a
periodic pattern with circular clusters; (ii) the arrangement of
groups of dislocations along distinct lines, angled at 60° intervals;
and (iii) occasional individual dislocations. The ECCI micrograph
shown in Figs. 3(a) and 5(c) show circular clusters arranged in a
hexagonal pattern with an average spacing of ≈11 μm. This area
corresponds to the nanodash pattern of a large inverted pyramid
[see Figs. 5(b) and 5(e)]. Comparing Figs. 5(c) and 5(d) compris-
ing the ECCI micrograph and the Raman E2 peak position image
show alignment between the dislocations aligned along 11�20h i
and the edge of {1–101} facets forming the inverted pyramid.
Comparing the location of the nanodashes and the position of dis-
locations, only a tiny proportion of the total number of disloca-
tions coincide with the growth window, verifying that efficient
cancelation or bending of dislocations occurs in the initial stages
of growth. It can be seen that some regions covering the first coa-
lescence of the dashes [see the double headed arrow in Fig. 5(b)]
are defect free, implying that either the dislocations generated at
the coalescence boundaries are mobile as the growth proceeds, or
none are created. The organization of dislocations in clusters and
lines, with an identified pattern, was discussed in Ref. 14. As shown
schematically in Fig. 5(f), dislocations existing on the {1–101} facets
may bend and propagate parallel to the 0001h i direction along
preferential directions (in this case mainly in the 1�100h i direc-
tions). They may then bend again and propagate in the 0001h i
direction emerging at the center of the inverted pyramid [see
Figs. 5(b) and 5(e)], or they may bend again and propagate in
the 0001h i direction, or in a direction at an angle to the surface
normal leading to the formation of the inclined dislocations,
when they meet the intersections of {1–101} facets, leading them
to align along the 11�20h i directions as observed in Figs. 5(c) and
5(d). An alternative explanation is that lines of defects along the
11�20h i directions could have been created by the coalescence
between opposite {1–101} planes. The nanodash density was
found to substantially impact the dislocation density,14 with a
lower dash density resulting in lower dislocation density due to a
reduced number of coalescence points. Comparing the confocal
Raman and ECCI micrographs reveals that in the first coalescence
stage where the nanodashes meet with each other, few dislocations
may be formed at the coalescence boundary. As the growth pro-
ceeds, some of the dislocations become mobile and during the
second coalescence stage, when opposite {1–101} planes merge,
new dislocations are formed. A plausible explanation after this
stage is that some of the newly formed dislocations may move and

become pinned at a common point where they could not move
further as there are no more coalescence fronts beyond this stage
of the growth. Therefore reducing the number of coalescence
points could be key in reducing the dislocation density.

IV. CONCLUSIONS

In summary, we have demonstrated an alternative approach
to understanding the 3D growth of a nanodash GaN thin film
and simultaneously studied its physical properties. Residual strain
maps produced from the same area by means of three different
techniques—namely, EBSD, CL, and confocal Raman imaging—
reveal comparable magnitude and direction of the strain. The
strain analysis methods are non-destructive and provide high sen-
sitivity for strain measurements of the order of 10−4. We also
demonstrated the advantage of confocal imaging where different
stages of the crystal growth were evaluated without interrupting
the growth, thereby aiding understanding of the different growth
stages. The non-destructive approach presented in this work can
be adopted for any thin film growth, especially heteroepitaxial
growth using selective masks on those substrates where the mor-
phology influences the subsequent growth.

SUPPLEMENTARY MATERIAL

See the supplementary material for a large area optical micro-
scope image, confocal Raman image, and time-lapse video showing
the evolution of the nanodash, ECCI micrographs acquired under
different diffraction conditions to identify dislocation types, repre-
sentative CL spectra, and normal and shear strain maps from
HR-EBSD.
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